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A B S T R A C T   

Ti2AlNb intermetallic has a promising application in aeronautics and aerospace industries due to its high 
strength-to-weight ratio and high creep resistance at an elevated temperature. Selective laser melting (SLM) of 
this material has been emerging recently. The correlation of its microstructure and mechanical properties after 
the SLM and heat treatment determines the application of this material. In this paper, the process window of SLM 
for Ti2AlNb was determined. Characteristics of lath, acicular and grain boundary (GB) precipitates were studied 
after different heat treatments. The relation of solution heat treatment (SHT) temperature on the size and volume 
fraction of precipitates before and after aging treatment (AT) were established. High-temperature tensile test of 
the SLMed and heat-treated intermetallic were conducted. A relation between microstructure and mechanical 
properties was proposed. The change of the tensile strength and elongation at elevated temperature were 
rationalized. The results show that for the SLMed sample the dominating B2 phase led to a good room tem
perature ductility, but at 650 ◦C the continuous precipitation along the GB deteriorated the tensile strength and 
ductility. After SHT (920 ◦C) + AT, the maximum elongation (El) at 650 ◦C was significantly increased due to the 
precipitation of large-sized lath O+α2 phase. After SHT (1000 ◦C) + AT, the maximum ultimate tensile strength 
(UTS) of the tensile test at 650 ◦C increased to 820 MPa due to the precipitated acicular O phase.   

1. Introduction 

Ti2AlNb intermetallic presents superior properties such as high 
strength-to-weight ratio and high creep resistance at elevated temper
ature. Hence, the Ti2AlNb intermetallic have received considerable 
attention as potential advanced materials in aeronautics and aerospace 
industries. In the past few years, forging [1], hot isostatic pressing [2], 
and powder metallurgy [3], etc. have been investigated to prepare 
Ti2AlNb intermetallic. It had been suggested that there were B2 matrix, 
O phase and α2 phase in the prepared Ti2AlNb [4]. Among them, the 
presence of B2 matrix phase (ordered structure) is essential in imparting 
ductility and toughness of Ti2AlNb [5]. The O phase (orthorhombic 
structure) is known to increase creep resistance and strength for Ti2AlNb 
[6]. The existence of α2 phase (hexagonal close-packed structure) is 
beneficial to hindering the B2 grain growth [7]. The volume fraction and 
morphology of those phases were usually controlled by heat treatment 
process, which could enhance the high temperature strength and creep 
resistance of Ti2AlNb. However, due to its poor ductility at room 

temperature and the weak formability at elevated temperature, it is 
difficult to fabricate complex shaped Ti2AlNb parts, which limited its 
industrial applications. 

Selective laser melting (SLM) is capable of fabricating parts with 
complex geometry, achieving near net-shaping and customization 
without the need for expensive tooling or molds [8–10]. In recent years, 
some researchers studied SLM process of Ti2AlNb-based intermetallic. 
Grigoriev et al. [11] used elemental powder mixtures of Ti–22Al–25Nb 
and obtained the SLMed samples with the highest relative density of 
99.5%. Zhou et al. [12] used pre-alloyed powders of Ti–22Al–25Nb in 
SLM, and found that the high strength and large ductility of the SLMed 
samples at room temperature were attributed to the disordered β phase 
and a very small amount of nano-scale O phase. For Ti2AlNb interme
tallic, a material utilized at elevated temperature, its high temperature 
mechanical properties are important to the applications. Generally, O 
phase in Ti2AlNb plays a dominating role to improve the creep resistance 
and strength, but in the SLMed Ti2AlNb, there was mainly B2 matrix 
phase due to the ultra-rapid heating and cooling [12]. Therefore, heat 
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treatment after SLM is essential to improve the mechanical properties. 
To date, several studies on heat treatment of Ti2AlNb had been 

conducted in various processes, such as forging [13,14], hot isostatic 

Fig. 1. Schematic of microstructure evolution in heat treatment of Ti2AlNb.  

Fig. 2. (a) Spherical morphology of the pre-alloyed Ti–22Al–24Nb-0.5Mo powder; (b) the schematic of the strip scanning strategy used to fabricate Ti2AlNb 
specimens by SLM. 

Table 1 
SLM processing parameters used in this study.  

Laser power 
(W) 

Scanning speed 
(mm/s) 

Layer thickness 
(μm) 

Hatch distance 
(μm) 

80–280 200-1000 30 100  

Fig. 3. Heat treatment of the SLMed intermetallic.  

Table 2 
SHT temperature of the SLMed intermetallic.   

TS1 TS2 TS3 TS4 TS5 TS6 TS7 TS8 

T (◦C) 1090 1020 1000 980 960 940 920 880  

Fig. 4. Relationship between relative density and VED, (a) P = 180 W, v =
1000 mm/s, (b) P = 80 W, v = 1000 mm/s, (c) P = 200 W, v = 400 mm/s. 
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pressing [15], and laser-welding [16]. Ti2AlNb, as a multiphase inter
metallic, contains B2 matrix phase, α2 phase and O phase. The volume 
fraction and morphology of these constituent phases are sensitive to the 
forming process and heat treatment process. Therefore, the micro
structure of Ti2AlNb is complex and difficult to control [17]. As shown in 
Fig. 1, when the material was isothermally forged in B2 phase region, 
lath O+α2 was generated, while forged in B2+α2 phase region, equiaxed 
α2 and small-sized lath O+α2 were obtained [18]. In SHT, lath O+α2 was 
coarsened at high temperature. After AT, acicular O phase was precip
itated. Therefore, the different initial microstructures of a forged ma
terial led to lamellar and bimodal microstructure respectively after heat 
treatment. The SLMed materials were in supersaturated solid solution 
(SSS) state due to the rapid cooling rate [19], which was different from 
the forged microstructure. Therefore, the heat treatment procedure of 
the forged parts is not applicable to the SLMed ones. Zhou [20] et al. 
studied the effects of SHT temperature (950 ◦C, 1050 ◦C and 1100 ◦C) 
and aging temperature (700 ◦C and 830 ◦C) on the microstructure and 
mechanical properties of the SLMed Ti–22Al–25Nb. For 
high-temperature tensile properties, the maximum elongation (El) was 
10% after SHT950 ◦C + AT830 ◦C with UTS of 611 MPa, and the 
maximum UTS was 749 MPa after SHT950 ◦C + AT700 ◦C with El of 
1.6%. However, a quantitative analysis on the effects of heat treatment 
on the volume fraction and size of the precipitated phases of the SLMed 
Ti2AlNb is still lack of study. 

In this study, the Ti–22Al–24Nb-0.5Mo (at. %) intermetallic samples 
were fabricated using SLM. The process window of SLM was obtained in 
terms of the relative density. The influences of heat treatment on the 
volume fraction and size of the precipitated phases were analyzed 

quantitatively. Correlation between the microstructure and high- 
temperature tensile properties was also studied for SLMed intermetallic. 

2. Experiments 

2.1. SLM process of Ti2AlNb intermetallic 

In this study, the SLMed Ti–22Al–24Nb-0.5Mo (at. %) specimens 
were fabricated from the pre-alloyed Ti–22Al–24Nb-0.5Mo (at. %) 
powder. The SEM micrograph of the powder as shown in Fig. 2 (a). The 
diameter of the powder was between 15 μm and 53 μm. High-purity 
argon gas was used during the SLM process to prevent oxidation [21, 
22]. Phase compositions of the SLMed intermetallic were characterized 
using X-ray diffraction (XRD, Empyrean, Netherlands) with a Cu Kα 
radiation and a step size of 0.01◦. The chemical composition of the 
powder and SLMed samples were measured by inductive coupled plasma 

Table 3 
Chemical compositions of Ti–22Al–24Nb-0.5Mo (at. %) of SLMed samples.   

Al Nb Mo Ti 

Nominal 22 24 0.5 Bal. 
Powder 21.68 25.02 0.59 Bal. 
Sample (a) 21.24 24.78 0.57 Bal. 
Sample (b) 20.63 25.04 0.57 Bal. 
Sample (c) 20.09 25.87 0.61 Bal.  

Fig. 5. Microstructure and phase composition of the SLMed Ti–22Al–24Nb-0.5Mo intermetallic, (a) OM picture, (b) IPF map, (c) GB map, (d) phase map.  

Fig. 6. Representative tensile true stress-strain curves of the SLMed Ti2AlNb 
samples at room temperature and elevated temperature (650 ◦C). 
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optical emission spectrometer (ICP-OES, Aglient 5110, America). The 
schematic diagram of the scanning strategy is presented in Fig. 2b. Strip 
scanning strategy was adopted in this paper to reduce the residual stress 
in the SLM samples [23,24]. The stripe angle between the adjacent 
layers (N and N-1) was 67◦. The laser spot size was about 80 μm. The 

SLM process parameters used is shown in Table 1. The fixed interval of 
laser power in Table 1 was 20 W, and the fixed interval of scanning speed 
was 200 mm/s. The layer thickness and hatch distance were kept con
stant as shown in Table 1. 

The SLMed samples were polished and their relative density were 
measured by the Archimedes method. Seven times were measured to 
obtain the average relative density in this paper. As shown in Eq. (1), 
volume energy density (VED) was defined to evaluate the manufacturing 
quality in terms of relative density [25], 

VED=
P

v*d*h
(1)  

where P is laser power; v is scanning speed; d is hatch distance; and h is 
layer thickness. 

2.2. Heat treatment of the SLMed samples 

According to the previous studies of other researchers, the SHT 
process mainly influenced the volume fraction of precipitated phases, 
and the size of the initial lath O+α2 phase [26]. Therefore, this paper 
focused on the effect of SHT on microstructure. As shown in Fig. 3, the 
SLMed samples were SHTed at different phase regions for 2 h first, water 
cooled, and then aged at 800 ◦C for 24 h followed by air cooling. SHT 
temperatures were selected as shown in Table 2. The heat treatment 
process was carried out in a vacuum heat treatment furnace with a 

Fig. 7. (a) The pseudo-binary phase diagram for Ti–22Al-xNb (at. %), (b–e) the microstructure and (f) XRD results of the SLMed Ti2AlNb samples at different SHT 
temperatures, (g) the phase map of EBSD for SHTed sample at 980 ◦C. 

Fig. 8. Effects of SHT temperature on the volume fraction of precipi
tated phases. 
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vacuum degree of 5 × 10− 3 Pa. The SLMed and heat-treated samples 
were ground with abrasive paper to remove the oxide layer on the 
surface, polished with silica sol, and then etched with Keller’s reagent 
for 40s (5%HF+10%HNO3+H2O). We observed the microstructure of 
the SLMed and heat-treated samples using scanning electron microscopy 
(SEM, ZEISS, Germany), backscattered electron (BSE), and Electron 
Backscattered Diffraction (EBSD), respectively. 

Three SEM images were selected for each test condition. The volume 
fraction of the precipitated phases was calculated using MATLAB. The 
average lath length and width were measured by Image-Pro Plus soft
ware. Room-temperature (20 ◦C) and high-temperature tensile (650 ◦C) 
experiments were conducted at a constant strain rate of 0.001s− 1. The 
tensile samples were deformed in the direction perpendicular to the 
building direction, and were tested three times to obtain the average 
results. The effects of heat treatment on the ultimate tensile strength 
(UTS) and elongation (El) of the materials were studied. 

3. Results and discussion 

3.1. SLM results of the Ti–22Al–24Nb-0.5Mo intermetallic 

Fig. 4 shows the relation of VED and the relative densities of the 
SLMed samples. The chemical composition of the powder and SLMed 
samples at different VED was measured by ICP-OES, and the results are 
shown in Table 3. The chemical compositions of the powder were 
basically consistent with the nominal values. At a lower VED of 26.67 J/ 
mm3, due to the insufficient melting of the powder, there were a large 
number of lack of fusion defects in the SLMed sample (a), resulting in a 
low relative density, which was also reported in Ref. [27]. The content of 
Al element in sample (a) was 21.24 at.% and was less than that in the 
powder (21.68 at.%), indicating that the loss of low melting temperature 
element was inevitable. As the VED increased, the powder melted suf
ficiently and the relative density was increased, and then reached the 
largest value at about VED = 60J/mm3 for sample (b). There were no 
obvious defects in the sample (b). The content of Al element in sample 

(b) decreased to 20.63 at.% due to the increase of VED. After that, the 
relative density decreased with the VED, which was attributed to the fact 
that the excessive energy density vaporized the material and thus caused 
keyhole defects [28,29]. As shown in Table 3, due to the excessive en
ergy density vaporized the Al element, its content in sample (c) was 
decreased to 20.09 at.%. Considering the quality of the SLMed samples 
and the processing efficiency, the optimized scanning speed was 1000 
mm/s, and power was 180 W. The relative density reached 99.8% of the 
theoretical density. 

The microstructure of the SLMed samples is shown in Fig. 5. The 
molten pool morphology (Fig. 5a) corresponded to the microstructure 
characteristic of the SLMed samples (Fig. 5 b and c), indicating no 
obvious epitaxial grain growth during the SLM process. This is due to the 
fact that the high content of solute elements in Ti2AlNb retarded the 
grain growth during the solidification of SLM. Therefore, the SLMed 
samples could be considered as isotropic. The GB results in Fig. 5c show 
that grains of the SLMed samples were irregular, and the grain size in the 
central area of the melt tracks was about 100 μm, which was much larger 
than that in the melt track boundary. It is attributed to the fact that low 
temperature gradient and solidification rate resulted in a larger grain 
growth rate in the central area than that at the boundary of the melt 
track [30]. Due to the rapid cooling rate of the SLM, a large number of 
low-angle grain boundaries (LAGBs, 2◦–15◦) existed along the melt track 
boundary. An EBSD phase map of the SLMed samples in Fig. 5d shows 
that the SLMed samples mainly consisted of the B2 matrix, in addition to 
a small amount of O phase. This O phase was considered to be in a nano 
state, according to Zhou’s study [12]. No α2 phase was found in the 
SLMed samples. 

Fig. 6 shows the tensile properties of the SLMed samples at room 
temperature and elevated temperature (650 ◦C). In the room tempera
ture tensile test, the SLMed samples were in the SSS state (Fig. 6a), and 
thus the material possessed a UTS of 900 MPa and an El of 9%. However, 
in the elevated temperature tensile test, precipitated phases were 
distributed continuously along the grain boundaries as shown in Fig. 6b, 
resulting in a poor ductility. Therefore, the SLMed Ti2AlNb sample parts 

Fig. 9. Microstructure of the SLMed samples with different SHT temperatures (a) 920 ◦C after SHT, (b) 960 ◦C after SHT, (c) 1090 ◦C after SHT, (d) 920 ◦C after SHT 
+ AT, (e) 960 ◦C after SHT + AT, (f) 1090 ◦C after SHT + AT. 
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cannot be used directly, and heat treatment is necessary before service at 
elevated temperatures. 

3.2. SHT temperature effects on the microstructure 

According to the pseudo-binary phase diagram for Ti–22Al-xNb (at. 
%) in Fig. 7a [31], the SLMed samples were solution heat treated at 
different temperatures in terms of phase regions. When SHT temperature 
was at the single-phase region (1090 ◦C), B2 matrix existed dominat
ingly, and the grain size of B2 was larger than 200 μm due to the lack of 
pinning effect by the precipitates (Fig. 7b and f). When SHT temperature 
was at B2+α2 phase region (1020 ◦C), the equiaxed grains of B2 mainly 
existed with a small amount of α2 phase (Fig. 7c). The grain size was also 
larger than 200 μm, since the volume fraction of α2 phase was too small 
to hinder the grain growth, which was consistent with the XRD results in 
Fig. 7f. When SHT temperature was at B2+O+α2 phase region (980 ◦C), 
the grain boundary can provide energy for the precipitates, as a result, 
the α2 phase and O phase were precipitated along the grain boundaries, 
named as GB O+α2 (Fig. 7d). Apart from GB O+α2, small size of O+α2 
was also distributed dispersedly within the material (Fig. 7g). When SHT 
temperature was 920 ◦C, B2, GB O+α2 and lath O+α2 were found in the 
SHTed sample (Fig. 7e and f). 

The effects of SHT temperature on the volume fraction of the 
precipitated phases, i.e., lath O+α2 and GB O+α2 were illustrated in 
Fig. 8. As the solubility of the solutes increased with the SHT 

temperature [32], the volume fraction of the lath O+α2 and the total 
precipitated phase decreased with the SHT temperature. When the SHT 
temperature was ranged from 880 ◦C to 920 ◦C, lath O+α2 was precip
itated with a volume fraction from 50% to 35% (Fig. 8a and b). Since the 
SHT temperature was close to the B2+O phase region, less amount of the 
α2 phase was precipitated at the grain boundaries, and thus discontin
uous GB O+α2 generated along the grain boundary. When the SHT 
temperature was ranged from 920 ◦C to 960 ◦C, the volume fraction of 
GB O+α2 increased slightly, and the discontinuous GB O+α2 was 
changed to continuous one with the increase of the SHT temperature 
(Fig. 8c). At SHT 1000 ◦C, no lath O+α2 was precipitated (Fig. 8d). The 
continuous GB O+α2 changed to discontinuous one since the volume 
fraction of GB O+α2 was decreased at high temperatures. Based on 
Fig. 8, the relation between the volume fraction of lath O+α2 VL and the 
SHT temperature TS is expressed as 

lg(
VL0

VL
− 1)=A*TS − B (2)  

where VL0 is the volume fraction of the lath O+α2 at SHT 880 ◦C (i.e. 52 
%), A was 0.04, and B was 37. 

3.3. Microstructures and mechanical properties after SHT + AT 

The microstructure of the SHTed samples before and after AT was 
shown in Fig. 9. When SHT temperature was 920 ◦C, there were GB 
O+α2 and a large amount of lath O+α2 precipitated (Fig. 9a), little 
acicular O phase was observed after AT (Fig. 9d). When SHT tempera
ture was 960 ◦C, the volume fraction of lath O+α2 decreased 

Fig. 10. Effects of SHT temperature on (a) the dimension of lath O+α2, (b) the 
volume fraction of acicular O phase. 

Fig. 11. (a) High temperature (650 ◦C) strain-stress curves after SHT + AT, (b) 
log-log plot of true strain-stress curves. 
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significantly, but its size increased compared with the SHT temperature 
of 920 ◦C (Fig. 9b). After AT, a large amount of acicular O phase was 
transformed from B2 matrix (Fig. 9e), and its acicular shape may be 
caused by the low-energy configuration for specific sets of planes in the 
O and B2 phases [33].When SHT temperature was1,090 ◦C, only B2 
matrix was generated in the sample (Fig. 9c). After the AT a large 
amount of acicular O phase was precipitated in Fig. 9f. It is also noted 
that in Fig. 9d and e, after AT, rim-O phase was formed around α2 phase 
at grain boundaries via B2 + α2→O reaction [34], and some α2 phases 
were transformed into O phase completely [35]. 

After AT, the effects of SHT temperature on the precipitated phases 
(i.e. lath O+α2, acicular O phase and GB O+α2) were shown in Fig. 10. 
Because the higher temperature provided more active energy to the 
diffusion process to help the lath O+α2 growth [36], the width and 
length of the lath O+α2 phase increased with the SHT temperature in the 
range of 880 ◦C–960 ◦C (Fig. 10a). When SHT temperature was higher 
than 960 ◦C, little lath O+α2 existed in the material. The volume fraction 
of the lath O+α2 had no obvious changes before and after AT, as shown 
in Fig. 9. Therefore, it was indicated that the volume fraction and size of 
the lath O+α2 were mainly controlled by the SHT process. 

For the acicular O phase, after AT the volume fraction increased with 
the SHT temperature (Fig. 10 b), which is contrary to the changes of the 
lath O+α2 (Fig. 8). This is because when a large amount of lath O+α2 
was precipitated after SHT (e.g. SHTed at 920 ◦C), many solute atoms 
were consumed, hindering the acicular O phase during AT. In contrast, 
when little lath O+α2 was precipitated after SHT (e.g. SHTed at 960 ◦C), 
a large number of solute atoms were still solidly dissolved in the mate
rial, and acicular O phase precipitated after AT. Therefore, the acicular 

O phase was generally precipitated after AT, but its volume fraction was 
controlled by the volume fraction of lath O+α2 and the SHT tempera
ture. The relation between the volume fraction of the acicular O phase 
VA and the SHT temperature TS can be expressed as 

lg(
VA0

VA
− 1)= − A*TS + B (3)  

where VA0 is the volume fraction of the acicular O phase at SHT1000 ◦C 
+ AT (i.e. 47 %), A was 0.05, and B was 47.5. 

For GB O+α2, its continuous or discontinuous distribution along the 
grain boundaries was the main feature of interest compared to its vol
ume fraction and size variation. GB O+α2 is necessary to hinder the B2 
grain growth, but the continuous GB O+α2 may deteriorate the ductility 
of the material. The distribution of GB O+α2 has no obvious changes 
before and after AT. When the SHT temperature was ranged from 940 ◦C 
to 980 ◦C, there was continuous GB O+α2 at the grain boundary. When 
the SHT temperature were ranged from 880 ◦C to 920 ◦C and 960 ◦C to 
1000 ◦C, there was discontinuous GB O+α2 at the grain boundary. 

The high-temperature tensile test results of the HTed samples as 
shown in Fig. 11a. Significant difference existed in the strain hardening 
exponent for the samples with mainly the acicular O phase (SHT 
(1090 ◦C) +AT, SHT (1000 ◦C) +AT) and the samples with mainly the 
lath O+α2 (SHT (920 ◦C) +AT, SHT (880 ◦C) +AT) phase. The strain 
hardening exponent n of the strain-stress curves in Fig. 11a were 
calculated based on the power-law model as shown in Eq. (4) [37], 

σ =Kεn
p (4) 

Fig. 12. (a) The schematic diagram of microstructure changes at different SHT temperatures after SHT and SHT + AT; (b) effects of SHT temperature on the high- 
temperature tensile properties of the SLMed Ti2AlNb after SHT + AT. 
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Where σ and εp are the true stress and true plastic strain of the material 
at the operating temperature (650 ◦C), respectively. K is the strength 
coefficient. The true strain-stress curves on a log-log scale are shown in 
Fig. 11b in which n is the slope of the curves. It can be seen that the strain 
hardening exponent n of the material with acicular O after SHT 
(1090 ◦C)+AT and SHT(1000 ◦C)+AT are 0.0897 and 0.0846, respec
tively. The material with lath O+α2 after SHT(920 ◦C)+AT and SHT 
(880 ◦C)+AT are about 0.0343 and 0.0399, respectively. The calculated 
strain hardening exponent n indicates that the strain hardening effect of 
the acicular O phase is stronger than that of lath O+α2. 

The schematic diagram of the material microstructures after 
different heat treatments, and the high-temperature tensile properties of 
the material after SHT + AT are shown in Fig. 12a and b. Based on the 
characteristic of the precipitates, the heat-treatment temperatures can 
be divided into four ranges. 

In area I, there are mainly lath O+α2 and a small amount of 
discontinuous GB O+α2 before and after AT. The size of lath O+α2 in
creases with the temperature (Fig. 10a); therefore, the material ductility 
increases but the material strength decreases according to the Hall-Petch 
effect [38]. 

In area II, there is lath O+α2 and continuous GB O+α2 in the samples 
after SHT. The acicular O phase precipitates from the matrix after AT. 
The precipitated acicular O phase, acting as obstacles to dislocation 
motions, enhances the high-temperature tensile strength of the material. 
However, stress concentration is likely to develop at the acicular O tips 
and leads to crack initiation and nucleation, which deteriorated the 
ductility of the material [39]. In addition, the continuous GB O+α2 also 
decreased the ductility. 

In area III, a small amount of discontinuous GB O+α2 and little lath 

O+α2 are generated after SHT. A large amount acicular O phase is 
precipitated after AT. The tensile strength of the material is larger than 
that in area II due to the main acicular O phase. In addition, as the 
distribution of GB O+α2 changes from continuous to discontinuous, the 
ductility of the material is better than that in area II. 

In area IV, there are large equiaxed grains with no precipitated 
phases in the samples after SHT. After AT, only the acicular O phase is 
observed. In area I, II and III, the SHT temperature is below 1000 ◦C, the 
change of grain size is small due to the precipitates of α2 phase along the 
grain boundary, and thus the change in phase composition dominatingly 
affects the mechanical properties. When the SHT temperature is higher 
than 1000 ◦C (area IV), such as 1090 ◦C, the grain growth occurred due 
to lack of precipitation of α2 phase along the grain boundary, reducing 
the strength and ductility of the material. Similar results for SHT tem
peratures ranging from 950 ◦C to 1050 ◦C were also observed by Zhou 
et al. [20]. 

In summary, the increased volume fraction and size of lath O+α2 
improved the ductility but deteriorated the strength of the material, 
while the increased volume fraction of acicular O improved the strength 
but deteriorated the ductility of the material. To hindering the B2 grain 
growth and thus improve the tensile strength, GB O+α2 is necessary. 
However, the continuous GB O+α2 should be avoided which is detri
mental to ductility. As a result, to obtain a high ductility, SHT (920 ◦C) 
+AT with main lath O+α2 and discontinuous GB O+α2 leads to an EI of 
6%. To obtain a high strength, SHT (1000 ◦C) +AT with main acicular O 
and discontinuous GB O+α2 leads to a UTS of 800 MPa at 650 ◦C. 

The fractography of tensile samples after SHT + AT are shown in 
Fig. 13. It can be seen that, as the continuous precipitated phases were 
along the grain boundaries, there were obvious cleavage fractures along 

Fig. 13. Fracture surfaces of (a) tensile tested samples at 650 ◦C for SLMed intermetallic; and (b) heat-treated samples after SHT (920 ◦C) +AT; (c) SHT (960 ◦C) 
+AT; and (d) SHT (1090 ◦C) +AT. 
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the grain boundary for the SLMed samples during the high-temperature 
tensile tests (Fig. 13a). For samples heat-treated at different tempera
tures, as shown in Fig. 13b and c, numerous ductile dimples were 
observed, indicating that the fracture mode of the heat-treated samples 
was predominantly ductile. The continuous precipitated GB O+α2 pha
ses at the grain boundary after SHT (960 ◦C) +AT lead to the poor 
ductility of the material. Fig. 13d shows the fracture surface of the 
material after SHT (1090 ◦C) +AT. Due to the large equiaxed grain size 
(Fig. 9f), the material possesses poor ductility and lower strength 
(Fig. 12b, area IV), showing a typical intergranular fracture. 

4. Conclusions 

In this paper, the Ti–22Al–24Nb-0.5Mo intermetallic was prepared 
by the SLM technique. The SLMed intermetallic was heat-treated at 
different SHT temperatures and a constant AT temperature (800 ◦C). The 
effects of SHT temperature on the microstructure of the SLMed samples 
before and after AT were studied quantitatively. Correlation of the 
microstructure and mechanical properties of the SLMed intermetallic 
after SHT + AT was investigated. Main results were obtained as follows.  

1. The optimized scanning speed of the SLM process was 1000 mm/s 
and the power was 180 W. Due to the rapid cooling rate of the SLM 
process, the microstructure of the SLMed Ti2AlNb was mainly B2 
phase, in addition to a small amount of O phase.  

2. The effects of SHT temperature on the precipitates (i.e. lath O+α2, 
acicular O and GB O+α2) were studied. With the SHT temperature 
increased, the volume fraction of lath O+α2 decreased whereas the 
volume fraction of acicular O increased. A quantitative relationship 
between the volume fraction of lath O+α2, acicular O, and the SHT 
temperature was established.  

3. The main lath O+α2 and discontinuous GB O+α2 in the sample after 
SHT (920 ◦C) +AT led to a promising EI of 6% and UTS of 690 MPa at 
650 ◦C. While the main acicular O and discontinuous GB O+α2 in the 
sample after SHT (1000 ◦C) +AT led to a promising UTS of 820 MPa 
and EI of 3% at 650 ◦C.  

4. This paper mainly focuses on the effects of SHT temperature on the 
microstructure and mechanical properties of the SLMed Ti2AlNb 
samples. Future research will be conducted on the effect of aging 
temperature for the SLMed Ti2AlNb intermetallic. 
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